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Segregation to grain boundaries affects their cohesion, corrosion and em-
brittlement and plays a critical role in heterogeneous nucleation. In order to
quantitatively study segregation and phase separation at grain boundaries,
we introduce a density-based phase-field model. Using the current model, we
describe grain boundary free energy based on available bulk thermodynamic
data while an atomic grain boundary density is obtained using atomistic sim-
ulations. To benchmark the performance of our approach, we study Mn grain
boundary segregation in Fe–Mn system. The simulation results are compared
against atom probe tomography measurements. We show that a continuous
increase in the alloy composition results in a discontinuous jump in the Mn
grain boundary segregation. This jump corresponds to an interfacial spinodal
phase separation. For alloy compositions above the interfacial spinodal, we
found a transient spinodal phase separation phenomenon which opens oppor-
tunities for knowledge-based microstructure design by manipulation of grain
boundaries. The proposed density-based model provides a powerful tool to
study thermodynamics and kinetics of segregation and phase separation at
grain boundaries.
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1 Introduction
Grain boundaries (GBs) influence functional and structural properties of polycrys-
talline materials. They can have both positive (strengthening in terms of the Hall-
Petch effect) and negative (preferred site for corrosion and decohesion) influence on
the material’s performance. Hence, studying and engineering GBs are crucial for
optimizing microstructure and material properties [1, 2]. The vast structural vari-
ability and high amenability of GBs to chemical changes renders them ideal objects
for tuning their properties by solute segregation [3–7]. From a thermodynamic point
of view, a GB has distinct phase-like behavior [8] which is a function of the relevant
thermodynamic state variables. Consequently, GBs may undergo confined struc-
tural and chemical transitions as evidenced in several systems [9–11]. Compared to
bulk materials, a GB is subjected to additional (geometric) constraints that result in
structural and compositional gradients within the GB region. GB phases are hence
sometimes referred to as complexions [11–13] to distinguish them from bulk phases
which are assumed to be homogeneous by definition.
In alloys, the properties of GBs are expected to closely correlate with their
composition. This becomes particularly important when solute atoms segregate to
the GBs. The segregation is thermodynamically driven by a reduction in the total
energy (GB energy plus bulk energy) of the system. Segregation not only alters the
local kinetics [14–19] and mechanical properties of a GB [20–23], but also influences
thermodynamic driving forces for heterogeneous nucleation such as in GB premelting
[24, 25], phase transformations [26–28] and precipitation in different alloys [29–
32]. Before reaching saturation, segregation can also result in GB phase separation
forming solute-poor and solute-rich regions inside the GB plane. This has been
indeed postulated by Fowler and Guggenheim [33] and Hart [34, 35] who suggested
that an interface/GB exhibiting similar properties to a regular condensed solution
might undergo such a phase separation. The resulting spinodal phase separation
into high and low segregation regions produces precursor states for the formation of
new phases [36, 37]. These precursor states are either confined to the GB or expand
as a regular volume phase into the adjacent bulk.
In reality, one expects segregation, phase separation and nucleation of the new
phase at a GB to occur hand in hand. In order to describe this simultaneous
segregation and phase separation and its impacts on microstructure evolution, the
thermodynamics and kinetics of GB segregation and phase transition must be stud-
ied quantitatively. Extensive efforts have been made to apply surface adsorption
models [8, 33, 38, 39] for understanding GB segregation [34, 40–44]. Assessing the
GB thermodynamics and kinetics is, however, a challenging task due to the complex
nature of GBs [1]. To address this problem, several models have been developed.
For example, to account for changes in thermodynamic properties of GB, variations
in the local coordination number of the defected GB structure, compared to its cor-
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responding bulk, were included (for details see [45] and references therein). This
concept has been employed in a recent study to explain GB segregation in magnetic
Fe–Mn alloys [37].
In addition, continuum phase-field models have been developed to study GB-
related phenomena which concentrate on the effect of gradient energy terms within
the GB region. The seminal work of Cahn on wetting [46] highlighted the impor-
tance of these gradient energy terms in the vicinity of an interface and their effect
on the critical wetting transition. Hu and Chen [47] developed a phase-field model
for studying solute segregation and phase transition at dislocations. Ma et al. com-
bined Cahn’s non-local concentration gradient model with the idea of variation in
local coordination number to describe GB transition and drag forces [48] as well
as segregation to dislocations [49]. Based on the Kobayashi, Warren and Carter
(KWC) model for GBs [50], Tang et al. developed a phase-field model that de-
scribes order-disorder transitions in pure systems [51, 52] and phase transition in
binary alloys [53]. Several phase-field models were also developed to study the effect
of GB segregation on the GB migration as well [54–57].
In the current study, we propose a model in which a continuous atomic density
field is introduced to describe the GB region. The structurally defected GB is repre-
sented by its characteristic lower average density, compared to the bulk. In Sec. 2,
the Gibbs free energy of a GB is derived which uses available bulk thermodynamic
data as input. We study here the Fe–Mn system in which the segregation of Mn in
BCC Fe plays a critical role in determining GB mechanical properties and subse-
quent formation of austenite [27, 28]. In order to determine the GB density profile,
atomistic simulations were conducted. Furthermore, ThermoCalc databases were
used to obtain thermodynamic and kinetic information for the Fe–Mn system. In
Sec. 3, assessment of the model parameters and the simulation results are presented
and compared atom probe tomography (APT) measurements for three Fe–Mn al-
loys, namely Fe–3.0at.% Mn, Fe–4.0at.% Mn and Fe–8.6at.% Mn. Our model reveals
that while a GB spinodal phase separation can occur for a unique bulk composition
at a given temperature, a transient spinodal phase separation exists for a range of
alloy compositions. The existence and significance of segregation-assisted spinodal
and transient spinodal phenomena and the potential application of these concepts
for designing desirable microstructures are discussed in Sec. 4.
2 A Density-based Model for Grain Boundaries
In a GB, atoms are forced to accommodate for the incompatible lattices of the two
adjacent grains. This results in a different atomic density in the GB when compared
to the corresponding bulk values. In his seminal work, van der Waals [58] showed
that the energy of an interface can be described as a function of mass density and
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its variations (gradients) within the interface region. In contrast to Gibbs’s model
[8] which assumes a mathematically sharp interface, in this picture an interface is
a diffuse domain across which the density profile varies continuously albeit very
sharply. For a GB, one expects such a gradient term to be confined to the GB
region. Based on the van der Waals model, the Gibbs free energy density of a GB
in a pure substance made of atomic species A can be described as
GGB(T, ρ) = −EBA
�
ρ2 − 1�+ CBA (ρ− 1) + κρ2 (∇ρ)2· (1)
The superscripts B and GB represent the bulk and GB properties, respectively.
Here we make use of a relative (dimensionless) atomic density filed ρ, continuously
varying across the system, such that ρ = ρB = 1 inside the bulk (far from the GB)
and ρ < 1 inside the GB region. In the center of the GB, ρ = ρGB < 1 which marks
the minimum GB atomic density at the GB plane. In principle the atomic density
within a GB plane fluctuates. This is, however, neglected in the current treatment,
assuming an average constant density value ρGB corresponding to the GB type. In
Eq. (1), κρ is the density gradient coefficient, E
B
A is the potential energy of the bulk
phase, which is a function of the atomic arrangement in the system, and CBA =
KBA − TSBA is the sum of kinetic (KBA ) and entropic (−TSBA ) energy contributions
of the same material at a given temperature T . Having HBA = K
B
A − EBA + pV and
neglecting the pV term and the kinetic energy for a solid material, we can write
−EBA ≈ HBA and CBA ≈ −TSBA · (2)
It is clear that the enthalpy and entropy terms in Eq. (1) scale differently with
the atomic density parameter ρ. The linear scaling of the −TSBA term is due to the
change in the atomic density (number of atoms per unit volume) which differs in
the bulk and GB. The enthalpy, however, scales quadratically with the density. In
this case, the extra density coefficient is proportional to the strength of the bonding
energies (force density) which depends on the atomic density as well [58]. The
gradient term in Eq. (1) is a correction to the potential energy due to the spatial
density change in the GB region. Equation (1) allows an approximation of the GB
free energy based on the bulk thermodynamic data. In order to extend the model
to a binary system, mixing enthalpy and entropy terms have to be introduced. The
main contribution to the mixing entropy ∆Smix is the configurational entropy due
to the mixing of the solvent (A) and solute (B) atoms. For the sake of simplicity,
we neglect scaling of the mixing entropy with the atomic density. The enthalpy of
mixing ∆Hex, however, may be strongly impacted by the chemical and structural
environment. In a previous study [37], we have shown that the variation of the
coordination number inside the GB region can influence the excess energy and thus
the segregation in the Fe–Mn system. In fact, the coordination number can be
considered as an approximation of the local atomic density parameter. Motivated
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by the first term in Eq. (1), one can write
∆Hex = ρ
2
∆HBex (3)
in which ∆HBex is the excess enthalpy of the bulk solution. For the Fe–Mn system,
this will be the sum of chemical and magnetic mixing enthalpies. Using Eqs. (1)–(3),
the total Gibbs free energy density of a heterogeneous binary system (containing a
GB) can be written as
Galloy(T, ρ, XB) = G
B(T,XB, ρ = 1) +G
GB(T, ρ)
= XAG
0
A +XBG
0
B + ρ
2
∆HBex − T∆SBmix
+
κX
2
(∇XB)2 +HBA
�
ρ2 − 1�− TSBA (ρ− 1) + κρ2 (∇ρ)2 (4)
where the subscripts B and A indicate solute (Mn) and solvent (Fe), respectively,
XB is the solute concentration field with XA +XB = 1, G
0
i is the Gibbs free energy
of the pure bulk i and κX is the concentration gradient coefficient. For simplicity,
we assumed here that the GB is initially made of Fe solvent atoms (dilute solution
condition) and the solute contribution comes from the change in excess enthalpy
and mixing entropy. The gradient of the concentration field describes the tendency
of the system to undergo spinodal decomposition as discussed by Cahn and Hilliard
[59]. The gradient coefficients κρ and κX are obtainable from atomistic simulations
and bulk thermodynamics, respectively, as discussed in the next section. For any
point in the GB with atomic density ρ < 1, Eq. (4) gives an approximation of the
GB Gibbs free energy density. Inside the homogeneous bulk phase, ρ = 1, ∇ρ = 0,
∇XB = 0 and the Gibbs free energy of the bulk can be recovered from Eq. (4):
GBalloy = XAG
0
A +XBG
0
B +∆H
B
ex − T∆SBmix· (5)
In order to study isothermal GB segregation and phase separation, the time
evolution of the concentration and density fields are calculated according to
X˙B = −∇ · JB = ∇ ·
�
MXB ∇ δG
δXB
�
(6)
and
ρ˙ = −LδG
δρ
(7)
respectively, in which G =
�
GalloydV , M is the concentration-dependent atomic mo-
bility, δ indicates functional derivatives and L is a positive mobility factor. We have
extracted the thermodynamic and kinetic data for the Fe–Mn system from Thermo-
Calc databases TCFE9 and MOB04 (see also [60–65]). In order to obtain realistic
values for the GB atomic density profile and ρGB, atomistic simulations have been
performed for a Σ9{122}[11¯0] symmetric tilt GB in α-Fe, using the environmental
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tight-binding approach described in [66, 67]. Further details are described in the
Methods section.
3 Results
3.1 Assessment of the model parameters
Since the current methodology can be applied for studying GB segregation and
related phenomena in different materials, assessment of the model parameters is
discussed to provide guidance for future studies.
Grain boundary energy and atomic density profile. For a flat GB in a
pure substance, the equilibrium atomic density profile across the GB follows:
ρeq(x) =


�
1+ρGB
2
�
−
�
1−ρGB
2
�
cos
�
pix
η
�
if − η ≤ x ≤ η
1 else
(8)
with η = pi
�
κρ
2EBA
(9)
which satisfies−2EBAρ+KBA−TSBA−κρ∇2ρ = 0 with ρ(x = 0) = ρGB, ρ(x = ±η) = 1
and the continuity condition ∇ρ(x = 0) = 0. Previous phase-field models for GBs,
such as the KWC model [50], result in a discontinuous order-parameter at the GB.
The current model allows for a continuous atomic density profile across the GB (see
Figure 1). This is achieved since the current form of free energy density (Eq. (1)) has
three independent terms while conventional phase-field models for GBs contain two
independent coefficients. Here 2η is the GB width in the pure substance. Although η
closely correlates with the GB half-thickness, it can be larger than the experimentally
measurable values as the atomic density is a smooth and continuous field across the
GB. Inserting Eq. (8) in Eq. (1) gives the equilibrium GB energy γA = α0
�
1− ρGB�2
with α0 =
pi
4
�
2EBAκρ. One can see that γA varies as a function of ρ
GB. For a
specific GB atomic density ρGB, the GB energy is obtained by determination of the
parameters EBA and κρ. For ρ
GB → 1 the GB energy approaches zero. This situation
can indeed be observed for the case of special, highly symmetric boundaries, such
as for coherent twin boundaries with low coincidence values, where the GB energy
is low and the local atomic density is close to that of the bulk.
Atomistic simulations of a grain boundary in α-Fe. While bulk thermo-
dynamic databases are available for many binary alloys, specific GB properties, such
as the minimum atomic density ρGB at the GB, gradient coefficient κρ and GB en-
ergy can be determined directly from atomistic simulations. In the current study, a
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symmetric tilt GB Σ9{122}[11¯0] in α-Fe is simulated. The current assessment, how-
ever, can be generalized and applied for different types of GBs. The GB structure is
fully relaxed using an environmental tight-binding approach for Fe, a methodology
previously used to study light-element interactions with a broad set of GBs in α-Fe
[66].
Figure 1: Density profile across a GB in α-Fe. The results of atomistic simulations
are shown and fitted to the analytical solution shown in Eq. (8) (solid line). Three
different smearing radii β = a, 1.4a and 2a (with the interatomic distance a ∼ 2.5
A˚) were used to obtain the atomic density profiles. See Methods section for more
details.
In order to obtain the continuous atomic density profile from atomistic simu-
lations a Gaussian broadening scheme with various smearing radii β was applied.
Details are given in the Methods section. The results are illustrated in Fig. 1. With
increasing the smearing radius, the atomic density profile becomes smoother and the
in-plane fluctuations of the GB density decrease. By fitting the analytical solution
given in Eq. (8) to the results from atomistic simulation, the values of the minimum
GB atomic density ρGB and the GB width η were calculated. The atomistic simula-
tions confirm the continuity of the coarse-grained atomic density field ρ across the
GB which is obtained based on Eq. (1).
Gradient concentration coefficient κX . In order to obtain the composition
gradient coefficient κX , the interface between the spinodally decomposed low- and
high-concentration bulk phases must be studied. As proposed by Cahn and Hilliard
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[59], the energy of this interface is
γI =
√
2κX
Xhigh�
Xlow
�
GBalloy dX· (10)
Here the subscript I stands for an interface between the two spinodally-decomposed
phases in the bulk Fe–Mn system. Equation (10) gives a direct relation between
κX , the interface energy and the free energy of the bulk material. The chemical
free energy and excess enthalpy required for the current calculations are obtained
from the ThermoCalc thermodynamic database TCFE9. Since the value for γI is
not known for our system, we examine here κX values corresponding to γI = 0.01
to 0.1 J m−2. We then use the results from APT measurements to adopt the best
choice of γI (κX) and GB density ρ
GB for our studies.
3.2 Grain boundary segregation in the Fe–Mn system
3.2.1 Equilibrium Mn segregation
In order to address segregation in the Fe–Mn system, we study the equilibrium
segregation isotherms, i.e. the GB equilibrium concentration XGBMn as a function of
the bulk composition. In the following, we study Mn segregation in different Fe–Mn
alloys annealed at 450 oC. First parametric studies have been conducted to obtain
the GB atomic density ρGB and the concentration gradient energy coefficient κX
values with closest agreement to the APT measurements. The results are shown in
Fig. 2.
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Figure 2: GB segregation isotherms. Three different GB atomic densities were
examined, from top: ρGB =0.65, 0.75 and 0.85. The colored area indicates where
the GB spinodal was observed experimentally using APT analysis. The jump in the
segregation isotherms denotes the interfacial spinodal. A good match between the
APT results and simulations was obtained for a GB atomic density of 0.75 and a
gradient coefficient κx = 5× 10
−18 J m2 mol−1.
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The APT measurements revealed that at 450 oC a first order transition, marked
by a distinct jump in the GB concentration, occurs for an alloy with a composition
between 3.0 and 4.0 at.% Mn [37]. This range is marked in Fig. 2. The simulation
results show that the segregation isotherm shifts to the left for a lower GB atomic
density ρGB, i.e. the first order transition becomes possible for lower bulk compo-
sitions when the GB density decreases. Figure 2 also shows that higher levels of
GB segregation can be achieved for a lower gradient coefficient κX . The optimal
values (with the least deviation from the APT results) for ρGB and κX are found to
be 0.75 and 5 × 10−18 J m2 mol−1, respectively. These values are used for further
investigations in the following.
Figure 3(a) shows the equilibrium GB concentration profiles for different bulk
compositions and using ρGB = 0.75 and κX = 5 × 10
−18 J m2 mol−1. In the
experiments, three BCC Fe–Mn alloys with 3.0, 4.0 and 8.6at.% Mn (in the following
referred to as Fe3Mn, Fe4Mn and Fe9Mn respectively) were analyzed using APT.
The simulation results and APT measurements are shown in Fig. 3. We have found
that an abrupt increase in Mn segregation, from about 8 to 22at.% Mn, occurs
when the bulk composition is changed by only 1at.%, from 3.0 to 4.0at.% Mn. The
equilibrium Mn segregation is confined to the GB region. The simulation results
show that for a constant concentration gradient coefficient κX , a higher segregation
level results in a wider (but still confined) segregation region.
A further detailed study over the bulk composition space suggests that the first
order transition in Mn segregation occurs for an alloy with a composition close to
Fe–3.33at.% Mn in which the GB segregation level abruptly increases from ∼11 to
∼22.6at.% Mn (see Sec. 4).
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Figure 3: Equilibrium GB concentration profiles. (a) Mn concentration profiles
are shown for different bulk composition (1D calculations). An atomic GB density
ρGB = 0.75 and a gradient energy coefficient κX = 5× 10
−18 J m2 mol−1 were used
in these calculations. (b) and (c) show the concentration profiles with corresponding
error bars obtained from the APT measurements for three different Fe–Mn alloys
with 3.0, 4.0 and 8.6at.% Mn (Fe3Mn, Fe4Mn and Fe9M, respectively). (b) is a
magnification of (c) in x axis. A jump in the GB concentration occurs between
3.0 and 4.0at.% Mn that is also confirmed by APT measurements. The highest
segregation level compares well in all three cases.
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3.3 Segregation-induced spinodal and transient spinodal
While 1D calculations provide direct insight into equilibrium segregation isotherms,
3D simulations are required to study kinetics and patterns of the segregation to
GB. 3D simulations of GB segregation were conducted for three Fe–Mn alloys with
2.9, 3.3 and 9.0at.% Mn. The time evolution of the concentration field inside the
GB plane is shown in Fig. 4. For an alloy with 2.9at.% Mn (below the critical
composition), the simulations show that the GB segregation starts immediately
and increases monotonically. The equilibrium GB concentration of ∼8at.% Mn is
achieved which remains unchanged even after 2.4× 106 s (∼ 28 days) at 450 oC. At
the same time, the initial concentration fluctuations, in the range of up to ±1at.%,
decline and disappear. Similar results were obtained from the APT analysis for the
Fe3Mn alloy annealed for 2 months at 450 oC (Fig. 5 (a) and (b)): The GB is enriched
with 8at.% Mn, very close to the simulation results. The APT analysis shows that
concentration fluctuations up to ±3at.% exist inside the GB plane that remain stable
even after the long-term annealing up to two months at 450 oC. These are associated
with the atomic density fluctuations that are naturally expected in a real GB, not
reflected in the current atomic density-based model. Nevertheless, the concentration
fluctuations are about an order of magnitude less than the experimentally observed
chemical spinodal fluctuations as discussed in the following.
For an alloy with 3.3at.% Mn (close to critical composition), the simulations
revealed an interfacial spinodal phase separation (Fig. 4). It was found that the
initial GB segregation is followed by a gradual in-plane phase separation into low
and high concentration domains with ∼8 and ∼22at.% Mn, respectively. Thereafter,
islands with high-concentration level gradually grow and, above a critical size of ∼ 3
nm, start to coalesce and form larger segregation islands. The segregation kinetics of
these later stages, however, are very slow. For the Fe4Mn alloy annealed for 2 month
at 450 oC, a jump in the segregation level was observed in the APT measurements
(Figure 5 (c) and (d)) where the high and low concentration domains within the GB
plane were observed next to each other.
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Figure 5: APT analysis of the Mn concentration. Three alloys with 3.0at.% Mn (a,
b), 4.0at.% Mn (c, d), and 8.6at.% Mn (e, f) were studied. The 2D GB in-plane
concentration maps are extracted from the 3D APT data. The Fe3Mn and Fe4Mn
alloys were annealed for 2 months at 450 oC. The Fe9Mn was annealed for 6h at the
same temperature.
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Figure 6: Simulated time evolution of the Mn concentration inside the GB plane:
From top, 2.9, 3.3 and 9at.% Mn alloy compositions were studied. For the under-
critical composition (2.9at.% Mn), segregation increases monotonically and it is
stable even after long simulation times. For a composition close to the critical
composition (3.3at.% Mn), a spinodal GB phase separation is observed. Above
the critical composition (9at.% Mn) a transient spinodal regime is observed before
reaching the equilibrium Mn segregation level.
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The simulation results for a Fe–9at.% Mn alloy show an even more interesting
segregation behavior. When approaching the GB spinodal transition region, it is
found that the GB goes through a transient spinodal regime. In this regime the
fluctuations in the composition grow and high-concentration regions with ∼22at.%
Mn concentration form, which continues until the transitional spinodal phase sepa-
ration is completed. In a final step, the segregation proceeds homogeneously until
the equilibrium GB concentration is reached. The APT analysis confirms these nu-
merical prediction: The Fe9Mn alloy annealed for 6 hours at 450 oC shows a similar
level of GB segregation with spatial fluctuation corresponding to a transient spinodal
phase separation. The simulated time dependent composition along a line within
the GB plane is presented in Fig. 6. The line-plots reveal the GB concentration
and its fluctuations more clearly: For an alloy with 2.9at.% Mn, a smooth and flat
GB concentration profile develops over time while a GB spinodal decomposition is
clearly observed for Fe–3.3at.% Mn. A transient spinodal decomposition occurs in
the Fe–9at.% Mn alloy. The current results show that the kinetics of GB segregation
can be very complex not only close to the spinodal point but also for compositions
above the spinodal composition. The concept of transient spinodal phase separation
provides insights for material design purposes that will be discussed in the next
section.
4 Discussion
Segregation of Mn has been considered as one possible cause for GB embrittlement
in Fe–Mn alloys, which reduces the mechanical toughness of these alloys [68, 69].
This is attributed to GB decohesion due to the Mn segregation [20]. A recent DFT
investigation indicates that a higher Mn concentration due to the segregation de-
creases the cleavage-fracture energy of the GBs [70]. If the Mn segregation level is
high enough, it can initiate formation of austenite at the GBs that partly recovers
the alloy toughness. Using transmission electron microscopy and near-atomic scale
tomographic measurements, it was shown that reversed austenite layers can form on
the Mn-enriched martensite boundaries in a Fe–9wt.% Mn alloy annealed at 450 oC
[27, 28]. The observed high levels of Mn segregation to the GBs is then attributed
to a first-order segregation transition, i.e. a GB spinodal phase separation: Fig-
ure 7 shows the GB segregation isotherm for the Fe–Mn system at 450 oC obtained
from the current atomic density-based model. The jump in the segregation isotherm
corresponds to an interfacial spinodal transition that confirms the abrupt increase
in the GB segregation level observed in the experiments. This means that for the
critical bulk composition (∼3.3at.% Mn) at 450 oC a two-phase GB is expected to
be in equilibrium with a single-phase bulk. Since, however, there is always a small
deviation from the critical composition, a stable two-phase GB in equilibrium with
the single-phase bulk can not be realized experimentally. The equilibrium concen-
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tration profiles across the GB are shown in Fig. 3 for different alloy compositions.
The spread of the Mn segregation in the GB region is determined by the initial bulk
composition as well as the concentration gradient coefficient κX . A larger gradient
coefficient results in a wider and smoother segregation profile across the GB and re-
duces the maximum equilibrium segregation, i.e. it shifts the segregation isotherm
towards lower values of GB segregation (Fig. 2). In systems with strong atomic in-
teractions the concentration gradient coefficient can also be composition-dependent
[71] rendering the spread of the segregation region composition-dependent as well.
Figure 7: GB segregation isotherms (equilibrium GB concentration as a function of
bulk composition) for the Fe–Mn system at 450 oC. An atomic GB density ρGB =
0.75 and a gradient energy coefficient κX = 5×10
−18 J m2 mol−1 were used for these
calculations. The abrupt jump in the GB concentration (GB spinodal) is found for
an alloy with ∼3.33at.% Mn. Above this composition a transient GB spinodal
was revealed through 3D simulations. The green points indicate the highest GB
concentration obtained from the APT measurements for alloys with 3.0, 4.0 and
8.6at.% Mn.
The interfacial spinodal point in the equilibrium segregation isotherm (Fig. 7)
separates the low and high GB segregation regimes as a function of alloy composition.
The results from our model show that the kinetics of segregation is very different
for the low and high segregation levels. In particular, for bulk compositions above
the interfacial spinodal composition, the kinetics of the GB segregation is found
to be complex: The results of 3D simulations reveal that at 450 oC and for alloy
compositions XB > 0.033, the GBs go through a transient spinodal regime before
reaching a higher uniform Mn segregation level. Figures 4 and 6 show time evolution
of the GB concentration for three Fe–Mn alloys. The transient GB spinodal is
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dictated by the fact that for reaching equal chemical potential (between the bulk
and the GB) the segregation must proceed by passing through the GB spinodal area
in the composition space. The chemical potential of the Mn solute atoms (relative
to the Fe atoms) reads:
δµ(T, ρ, XMn) = G
0
Mn −G0Fe + ρ2
∂∆HBex
∂XMn
− T ∂∆S
B
mix
∂XMn
− κX∇2XB· (11)
Using the thermodynamic data from ThermoCalc TCFE9 and neglecting the
last term in this relation for simplicity, one can plot the chemical potential as a
function of composition and for different GB atomic densities. Figure 8 (a) shows
the chemical potential of Mn within the bulk (ρ = 1) and a GB with an atomic
density ρ = ρGB = 0.75. It is found that above the GB spinodal and before reaching
the bulk spinodal a range of bulk composition exists that produces a GB transient
spinodal. The difference between the bulk and GB chemical potentials arises due
to the enthalpy of mixing (third term in Eq. (11)) which quadratically scales with
the local atomic density ρ. In the Fe–Mn system, the positive magnetic enthalpy of
mixing plays an important role in the spinodal decomposition. The ranges of bulk
composition and chemical potential for which a transient spinodal become possible
are marked in Fig. 8.
Figure 8: The chemical potential of Mn for bulk and different GBs. (a) The equilib-
rium chemical potentials of Mn for the bulk and a GB with average atomic density
ρGB = 0.75 in Fe–Mn system at 450 oC. Above the GB spinodal, segregation occurs
with a transient spinodal phenomenon as discussed for the Fe–9at.% Mn alloy. (b)
The chemical potentials for different types of GBs (represented here in terms of dif-
ferent GB atomic densities) are shown. Depending on the GB atomic density, the
GB free energy density, the chemical potential and hence the coexistence of the bulk
and GB change accordingly.
Obviously, different types of GBs with different structures and misorientations
may show different atomic density profiles and average GB atomic densities ρGB
which determine the GB free energy and chemical potential in the current model
approach. Figure 8 (b) shows the chemical potential of Mn for three different aver-
age GB atomic densities. At a given temperature, a higher GB atomic density value
(ρGB → 1) results in a GB that behaves more like the corresponding bulk. Hence,
the composition/chemical potential window for a GB transient spinodal becomes
smaller, as shown in Fig. 8 (b). Special GBs, e.g. coherent twin boundaries and
highly symmetric coincidence site lattice boundaries, are expected to show higher
average density values, close to the bulk density (ρB = 1) and therefore lower seg-
regation. The characteristic GB density ρGB can be associated with the average
‘GB free volume’. Low-angle GBs are expected to show an average atomic density
inversely proportional to their misorientation angle. In fact, it has been shown that
the average free volume of the low-angle GBs increases as their misorientation angle
increases [72]. A larger free volume is equivalent with a smaller GB atomic density.
Disordered high-angle GBs will show the lowest average atomic density (highest free
volume) largely deviating from the bulk density. In this case a transient GB spin-
odal becomes more probable because the difference between the GB spinodal and
the bulk spinodal chemical potentials increases (Fig. 8 (b)).
Using available bulk thermodynamic data, the current atomic density-based
model can provide quantitative understanding of GB segregation and phase sep-
aration for different types of GBs. The existence of a transient GB spinodal as
revealed in the current study opens a novel route to design and tune desired precur-
sor states for subsequent heterogeneous nucleation and phase transformation paths
at GBs. In the Fe–Mn system, for instance, formation of reverse austenite at the Mn-
enriched GBs plays a critical role in controlling GB embrittlement [27, 28, 73, 74].
Using the transient spinodal concept, several parameters of mechanical processing
and heat treatment conditions can be adjusted to obtain desirable microstructures
in alloys which are characterized by spatially confined spinodal and phase forma-
tion states. The fact that decoration to defects such as interfaces or dislocations
enables these local thermodynamic phenomena allows to imprint site specific trans-
formation effects into microstructures. While the initial alloy composition defines
the thermodynamic feasibility and accessibility of a spinodal phase separation, the
adequate thermo-mechanical processing can be applied to alter the GBs types and
volume fraction in the system. In addition, the heat treatment conditions control
the duration of the transient spinodal phase separation within the system, which
strongly relates to thermally-activated solute diffusion properties of the bulk and
GBs. A systematic study of these controlling parameters therefore will enable the
exploration of the design space for segregation-assisted confined phase changes at
lattice defects.
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5 Summary
We have introduced and applied an atomic density-based model to quantitatively
study the thermodynamics and kinetics of GB segregation and interfacial phase
separation in the Fe–Mn alloy system. A characteristic GB atomic density ρGB, cor-
responding to the type of GB, was obtained by atomistic tight-binding simulations.
Using the current model, a thermodynamic description for GBs can be derived based
on the available bulk thermodynamic data. Depending on the bulk composition,
low and high levels of equilibrium Mn segregations were observed in the Fe–Mn
system, separated by a segregation–assisted interfacial spinodal phase separation.
The results are quantitatively verified by APT measurements for three Fe–Mn al-
loys. Our studies also reveal a transient spinodal phase separation regime for alloy
compositions above the interfacial spinodal point. The demonstrated quantitative
understanding about the segregation and the transient spinodal phase separation
at GBs provides a powerful means for achieving desirable microstructures by the
knowledge-based variation of alloying and processing parameters.
6 Methods
Phase-field calculations: In order to perform simulations using on the current
atomic density-based model, a parallel C++ code was developed to solve Equations
(6) and (7) numerically. A finite difference scheme with adaptive time stepping has
been used. All calculations were done for T = 450 oC and assuming infinitely large
bulk phases, i.e. a constant concentration boundary condition normal to the GB
plane while other boundaries were periodic. The GB properties are obtained using
atomistic simulations as discussed in the next section. We use dx = 0.1 nm, initial
dt = 10−5 s. In all simulations, uniform Mn concentrations were used with max.
±1at.% random fluctuations. Other physical parameters are presented in Table 1.
The thermodynamic data for the BCC Fe–Mn system (up to 30 at.% Mn) were
obtained from ThermoCalc TCFE9 and MOB04 databases and tabulated to be used
in the simulations. For the Mn atoms, the composition-dependent mobility from
ThermoCalc database was fitted as MMn = (1.3993× 10
−26)e19.0375 XMn m2 mol J−1
s−1 that indicates an increase in the atomic mobility as the Mn content increases (see
also [60–65]). The simulation results are extracted and visualized using Paraview.
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Table 1: Input parameters for the current simulation studies.
Atomistic calculations: In order to obtain realistic values for the GB atomic
density ρGB, explicit atomistic simulations have been performed within the envi-
ronmental tight-binding approach [66, 67]. This approach enables a fully quantum-
mechanical parameter-free description of the energetics and forces of systems of
arbitrary chemical complexity, while remaining sufficiently efficient so as to examine
a broad variety of microstructural defects. In the present case, we consider a tilt
GB, namely the Σ9{122}[11¯0] symmetric tilt GB in α-Fe. A 144-atom supercell for
this GB has been generated, and the structural parameters and internal coordinates
have been fully relaxed within the tight-binding method. The resulting atomistic
structure is illustrated in Fig. 9.
Figure 9: The structure of the Σ9 {122}[11¯0] symmetric tilt GB in α-Fe.
From the atomistic simulation, we calculate the GB energy density γA. However,
in order to obtain the atomic density field ρGB, we have to establish a connection
between the discrete atomic structure of the GB and the continuous atomic density
function as introduced in the current atomic density-based phase-field model. In the
present case, this is done by replacing the atomistically-obtained density function
ρ(r) =
�
I
δ(r −RI) (12)
with RI being the set of positions of the atoms, with a smeared-out density function,
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where the delta functions of Eq. (12) are replaced by a normalized Gaussian
δ(x) =
e
−( xβ )
2
piβ
(13)
with a prescribed width β, so that the continuous atomic density profile becomes a
smooth function in real space. The parameter β should be at least of the order of
the interatomic spacing (a ∼ 2.5A˚) in the material. A higher value of β reuslts in a
smoother atomic density profile, but with the possible cost of being unable to resolve
certain features of the GB itself. Figure 1 illustrates the atomic density profile for
three choices of the parameter β = a, 1.4a and 2a.
Experiments and APT analysis: Three binary Fe–Mn alloys, identified with
3.0, 4.0, 8.6at.% Mn, referred to as Fe3Mn, Fe4Mn and Fe9Mn, were cast into a
rectangular billet in a vacuum induction furnace. The composition of the alloys is
shown in Table 2 according to wet chemical analysis. The slabs were hot-rolled at
1100 oC from 60 to 6 mm thickness and then water quenched. Subsequently, highly
segregated edges of the slab were cut off. The billets were reheated to 1100 oC for
1 hour and water quenched to room temperature to minimize Mn banding. After
water quenching from the homogenizing temperature the alloys were fully ferritic
without retained austenite. The mechanisms of transformation from austenite to
ferrite were martensitic transformation for the Fe9Mn alloy and massive transfor-
mation for the Fe3Mn and Fe4Mn alloys. The Fe9Mn was annealed for 6 hours,
while the two other alloys were subsequently annealed up to 2 months at 450 oC in
order to characterize the equilibrium amount of segregation at the GBs. The Fe9Mn
and Fe4Mn alloys are situated in the two-phase region of the phase diagram (ferrite
and austenite are stable phases). The Fe3Mn alloy is situated in the single phase
field of the phase diagram (ferrite is the only stable phase).
Table 2: The composition of the alloys studied in this work.
APT specimens with end radii below 100 nm were prepared using a FEI Helios
NanoLab600i dual-beam Focused Ion Beam (FIB)/Scanning Electron Microscopy
(SEM) instrument. APT was performed using a LEAP 5000 XS device by Cameca
Scientific Instruments, with approx. 80% detection efficiency, at a set-point tem-
perature of 50 K in laser-pulsing mode at a wavelength of 355 nm, 500 kHz pulse
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repetition rate and 30 pJ pulse energy. For reconstructing 3D atom maps, visual-
ization and quantification of segregation the commercial software IVAS by Cameca
was employed following the protocol introduced by Geiser et al. [75] and detailed in
Gault et al. [76]. The 3D-mapping was obtained by the Voltage-based reconstruc-
tion of the detected ions. The reconstructions were calibrated by the interplanar
distance of the crystallographic planes associated with the low-hit density poles.
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